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Structural development during the
extrusion of rapidly solidified
Al-20Si-5Fe-3Cu-1Mg alloy
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An investigation concerning the changes of powder structure and microstructure during the
extrusion of an important Al-Si—-Fe-Cu—Mg alloy prepared from rapidly solidified powder has
been carried out. The fragmentation of needle-shaped intermetallics in the alloy has been regarded
as one of the main features of the process, which happens concurrently with the interparticle
bonding and the shaping of the porous billets. The as-extruded microstructure is found to be
mainly composed of the dynamically recovered a-Al matrix with numerous microcells, which are
retained because of the inhibiting effect exerted by massive, fine second-phase particles on cell
wall motion. Some recrystallized grains are also observed but their growth is effectively prevented.
The refined intermetallics together with massive silicon particles and precipitates dispersed in the
matrix can be expected to improve the thermal stability and high-temperature strength of the alloy

to a great extent.

1. Introduction

The successful fabrication of the hypereutectic Al-Si
alloys employing powder metallurgy techniques in-
volving rapid solidification has been known for more
than 10 years [1]. After being consolidated by extru-
sion, the alloys are characterized by very low values of
thermal expansion coefficient and good wear resist-
ance, owing to the high volume fraction of silicon
particles embedded in the matrix of the alloys [2, 3].
Of this alloy system, Al-20Si-3Cu-1Mg alloy has
recently been intensively investigated with respect to
optimal processing [4—6]. With the addition of copper
and magnesium, adequate strength, particularly at
room temperature, has been found to be obtainable,
thus opening up new applications to the alloy in the
automobile industry. When this alloy is used as
a high-performance material at elevated temperatures,
as encountered in automotive engines, however, its
strength is not very satisfactory. The reason for this is
clear. Both copper and magnesium act as precipitation
hardening elements, and their strengthening effect is
diminished at above 150 °C because of the low thermal
stability of the precipitates. Additionally, when the
alloy is unavoidably exposed to a high temperature
during processing, ie. degassing, hot extrusion and
solution treatment, coarsening of second phases and
matrix microstructure can hardly be effectively pre-
vented [7], and as a result the mechanical properties
of final products are impaired. To get rid of these
shortcomings, the addition of the transition element
iron has been considered, in view of its high diffusivity
in the liquid state and low diffusivity in the solid state
(lower than that of aluminium and silicon) [8, 9]
These features ensure its high chemical homogeneity
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in the a-Al matrix and its thermal stability in both
processing and service. Iron has an extremely low
equilibrium solid solubility in the a-Al at room tem-
perature, and under the condition of rapid solidifi-
cation, its solubility can be extended up to 0.6 wt %
[10], so that the precipitation of iron-containing
phases can be expected to happen during the post-
solidification processes including degassing and hot
extrusion. The excess iron forms a dispersion of inter-
metallic compounds, which improves the structural
stability of the alloy. In view of the above considera-
tioms, it is quite certain that the addition of 5% Fe to
the base Al-Si-Cu-Mg alloy can make a substantial
improvement in structural stability and high-temper-
ature performance without sacrificing its original ad-
vantages. The alloy can then be potentially used as
a more reliable material for pistons in the automobile
industry.

However, a problem arises from the addition of
iron. After atomization, a high volume fraction of
needle-shaped intermetallic compounds with relat-
ively large sizes is formed. It is well known that the
distribution of intermetallics in the o-Al matrix can
decisively influence the microstructural evolution dur-
ing processing and the mechanical properties of final
products. These influences are very much dependent
upon their characteristics including size, interspacing
and morphology. Obviously, the coarse needle shape
of the intermetallics formed in the powder of the alloy
is unfavourable not only to the fracture toughness,
fatigue properties and workability of the material in
subsequent processes [ 117, but also to the effectiveness
of stabilizing the microstructure. Therefore, they must
be reshaped and redistributed in the post-atomization

0022-2461/91 $03.00 + .12 © 1991 Chapman and Hall Ltd.



processing so as to increase their number and to
decrease their size and interspacing. Unfortunately,
heat treatment cannot satisfy the above desire because
the intermetallics cannot be resolved in the solid
matrix. In this case, the refinement can only be ac-
complished by a deformation process, in which strain
has to be sufficiently large so that the internal stress
applied to the intermetallics can be in excess of their
fracture strength and fragmentation can be achieved.
In principle, extrusion at a sufficiently high reduction
ratio should be capable of breaking up the intermetal-
lics due to the involvement of heavy shearing in the
deformation zone. Therefore, the secondary structural

refinement can be integrated into the purposes of the

extrusion operation during which the atomized pow-
der particles are consolidated. Extrusion itself is
a complicated thermomechanical process, and it has
been studied as applied to the consolidation of rapidly
solidified aluminium alloy powders for some years.
However, no work with regard to the secondary struc-
tural refinement involved in the process has ever been
reported.

The present work was aimed at understanding the
microstructural development of the alloy, from the
rapidly solidified loose powder through hot extrusion
to the final engineering material, and thereby at pro-
viding the fundamentals for the optimum microstruc-
tural control. Of particular interest was the develop-
ment of the intermetallics along with the deformation
and bonding of the powder particles during extrusion
and their effects on the microstructural evolution of
the «-Al matrix.

2. Experimental details
The raw material in the form of powder particles was
supplied by the Showa Denko K. K., Japan, produced
by means of air atomization at a mean cooling rate of
104-10% Ksec™!. The nominal composition of the
alloy was: 20% Si, 5% Fe, 3% Cu, 1% Mg (wt %) and
balance aluminium. The as-received powder was first
cold precompacted up to about 65% relative density,
and then degassed at 300°C to remove absorbed
moisture and meanwhile to minimize its influence on
the microstructure. Hot extrusion was carried out on
a 2 MN press with a $50 mm container and a round
flat die. Extrusion temperature applied was 375°C,
reduction ratio 20: 1 and ram speed 5 mm sec !, lead-
ing to a mean strain rate of 3.8 sec™!. Before being
extruded, the precompacts were heated and soaked in
the container of the press for 20 min. After being cut
from the discards, the extrudates were water quenched
in an attempt to freeze in the hot-worked microstruc-
ture. There was some time delay in this procedure
owing to the operational limitations. Additionally,
some of the extrusion operations were terminated
when a part of a billet was extruded, in order to
investigate the course of powder particle deformation
and intermetallic fragmentation during extrusion. The
partially extruded billets were water quenched im-
mediately after being ejected from the heated con-
tainer.

The distribution of powder particle size was ana-
lysed using a Malvern 2600 laser particle sizer. Obser-

vations of powder particle morphology were made
under a Jeol JXA 50A scanning electron microscope
(SEM) operating at 15 kV, for which the powder par-
ticles were distributed evenly on a mount with
a double sided tape, followed by a gold deposition
procedure. Energy dispersive X-ray (EDX) analysis
and X-ray mapping of powder particle cross sections
were done using a Tracor microanalysis system at-
tached to the SEM working at 20 kV, for which pow-
der particles were embedded in a conductive resin and
then polished. Optical specimens were prepared from
the powder and partially extruded billets, using usual
metallographic techniques. They were finally etched in
a modified form of Keller and Wilcox’s reagent and
observed under Leitz and Neophot-2 (Carl Zeiss,
Jena) microscopes for macrostructural and micro-
structural examinations, respectively. Transmission
electron microscopy (TEM) was performed using
a Philips EM400T operating at an accelerating volt-
age of 120 kV. EDX on the TEM was also used to aid
phase identification. TEM specimens were punched
out from the transverse slices of the extrudates into
3 mm discs. A variety of chemical solutions failed to
polish the discs of the alloy during double jet thinning
under different working conditions. Thus thinning
was achieved by ion beam milling operating initially
at a voltage of 6 kV and a gun inclination angle of 20°,
followed by a final 0.5 h thinning at 3.5kV and 13°.

3. Results and discussion

3.1. Characteristics of the powder particles
The as-received powder was first subjected to com-
positional analysis using atomic absorption spectro-
photometry [12]. The results show that the alloy
contains 19.2% 8Si, 3.24% Cu, 1.18% Mg, 5.17% Fe
(wt %) and balance aluminium, which does not devi-
ate very much from the nominal composition. The
typical morphology of the powder particles as ob-
served under SEM is given in Fig. 1. The powder
particles exhibit rather rough surfaces and irregular
shapes, irrespective of their sizes. Many of them are
tear-drop like. This is because the oxide film that
formed on the surfaces of atomized droplets during
powder production prevented them from spheroidiz-
ing [13]. The size distribution of the powder particles
determined by the laser sizer is presented in Fig. 2,
showing that although the size varies widely between
6 and 260 pm, 90% of them are smaller than 150 pm.
A considerable proportion of the powder particles fall
in the size band around the mass median size of
63.7 pm. Understanding this powder particle size dis-
tribution is very important, because it predetermines
all the microstructural characteristics of the material
such as the scale of heterogeneity and the sizes of
grains and second phases throughout the processing
route.

The cross section microstructure of the powder is
shown in Fig. 3, which consists of silicon particles and
needle-shaped intermetallics dispersed in the a-Al
matrix. The grain structure of the matrix was not
discernible under the optical microscope at magnifica-
tions up to 2000. It can be seen that the silicon par-
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Figure 1 Typical morphology of the air atomized powder particles.
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Figure 2 Size distribution of the powder particles.

ticles exhibit a bimodal distribution in size, block-like
and granular. The former has an average size of about
5 um and the latter of 0.3 pm. This phase was identi-
fied by the EDX analysis in a number of particles. It
can also be observed that the needle-shaped inter-
metallics are randomly distributed. Their size depends
strongly on individual powder particle sizes, varying
between 5 and 20 pm in length. For each powder
particle, the needles in the center are apparently lon-
ger than those close to the periphery (Fig. 3), indicat-
ing a relatively lower cooling rate in the particle
interior during powder production which allowed the
diffusional growth of the needles within the interior
space available.

The SEM image of the intermetallics and X-ray
mapping of FeKa and SiKa on the cross section of
a representative powder particle are presented in
Fig. 4. It is clear that after atomization a small amount
of iron is retained in the a-Al, but that most of the iron
exists in the needle-shaped intermetallics. This implies
that a certain degree of supersaturation of iron in the
a-Al is attainable under the condition of air atom-
ization. Silicon is not only concentrated in silicon
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Figure 3 Optical micrograph of the powder showing the needle-
shaped intermetallics and silicon particles.

particles (as shown in Fig. 4c), but also present in the
acicular intermetallics. It should be noted that the
SiKa signal scattering in the X-ray image mostly
comes from the fine, granular silicon particles with
reference to the optical observation (Fig. 3). Of course,
a certain amount of silicon can also be supersaturated
in the o-Al matrix, due to the fact that with the
application of splat technique of rapid liquid quench-
ing a high metasolubility of silicon in the «-Al up to
11 at % can be attained [14], although its maximum
equilibrium solubility at the eutectic temperature of
577°C is only 1.59 at % [15]. Mapping of CuKa and
MgKua indicates that these elements are mostly dis-
solved in the matrix. Therefore, precipitation of Fe-,
Si-, Cu- and Mg-containing phases on a very fine scale
can be anticipated during the post-atomization pro-
cessing, €.g. during degassing and extrusion.

EDX analysis reveals that the needle-shaped inter-
metallics contain aluminium, iron and silicon ele-
ments. Although the relative concentrations of these
elements can be computed from their intensities in the
spectra compared to the stored standard spectra of
pure elements, the needles stili cannot be assigned to
a particular phase, because the intermetallics, depend-
ing upon cooling rates, can emerge in various phases
with similar chemical compositions and morphologies
[16]. Unfortunately, there is no information available
regarding the phase constituents of this highly alloyed
aluminium. As indicated in a previous study on a sim-
ilar alloy using X-ray diffraction, the identification of
the intermetallics is very difficult, because of the com-
plexity in both alloy composition and solidification
conditions [2]. Nevertheless, it is very likely that they
are metastable and can be transformed to more ther-
mally stable variants in the subsequent processes.

3.2. Development of powder structure during
extrusion

An observation of powder particle deformation during

extrusion can help understand the microstructural



development that will be discussed later. Fig. 5 shows
a set of macrographs taken from five representative
locations in a billet partially extruded beyond the
pressure peak. It can clearly be seen that in the rear
part of the billet (Fig. 5c), intimate contact between
powder particles has been attained, but their shape
remains almost unchanged. The original powder par-
ticles are clearly distinguishable. It suggests that the
compression pressure, though high (about 780 MPa),
cannot bring about large deformation of the powder
particles and thus significant microstructural changes
can hardly be expected. Large deformation starts only
as powder particles approach the die entry (see Fig.
5b). In this zone, the powder particles, under the ram
pressure, are forced to undergo a sudden, large reduc-
tion in transverse area, and thus a very high internal
shear stress results. It is this stress that gives rise to the
breakage of the oxide film on powder particle surfaces
and microstructural modification. Furthermore, ow-
ing to the occurrence of material-tool frictions during
extrusion, the longitudinal flow rate of material in the

Figure 4 (a) Image of intermetallics, (b) X-ray mapping of FeKa,
and (c) X-ray mapping of SiKa.

deformation zone differs: the central metal flow being
faster than the peripheral [17]. This results in a rela-
tive sliding between neighbouring powder particles
and allows the further break-up of the oxide film,
thereby providing a favourable condition for complete
interparticle bonding. Upon entering the die orifice,
they are subjected to a further increment in the defor-
mation magnitude and velocity. Out of the die orifice,
the extrudate exhibits a banded structure along the
extrusion direction (see Fig. 5a). The measurements of
the aspect ratio of the deformed powder particles
reveal that they are strained approximately up to the
given reduction ratio of 20:1, irrespective of their
original sizes. Fig. 5d shows the macrograph taken at
the location close to the dead metal zone. A shear
band can be observed, beyond which the shape of the
powder particles is unaffected. The powder particles
upward (Fig. 5e) are oriented along the metal flow
toward the die entry, probably by the mechanisms of
tilting and relative sliding. The above observations
lead to the conclusion that large deformation during
extrusion only happens in a very small zone restricted
to the die entry.

3.3. Microstructural development during
extrusion

Fig. 6 illustrates the optical microstructures as ob-
served at the locations corresponding to those in
Fig. 5 in the partially extruded billet. In the rear part
of the billet, the size and distribution of the needle-
shaped intermetallics (Fig. 6¢) are not different from
those in the loose powder. At the location (b), where
the deformation zone is situated, many of the needles
have been chopped up. As shown above, when the
powder particles approach the die entry, they undergo
a sudden increase in strain and strain rate. As a result,
dislocations quickly generate and multiply. Some dis-
locations that cannot bypass the needles accumulate
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Figure 5 Macrostructures of a partially extruded billet at the different locations: (a) out of die orifice, (b) at the die entry, (c) in the rear part, (d)
close to the dead metal zone, (¢) close to periphery, and (f) partially extruded billet indicating the observed locations.

828



F.’ -2 Trl"o

-~ ".. v : < { L4
% 7 AT ".
m

Figure 6 Microstructures of a partially extruded billet observed at
the locations corresponding to Fig. 5.

along the needle length, giving rise to a localized stress
concentration at the interfaces between the intermetal-
lics and matrix. At the same time, the massive, hard
silicon particles surrounding the needles with a certain
spacing exert an additional bending stress on the in-
termetallics because of the increased stresses around
them. Since the intermetallics are fairly brittle at the
extrusion temperature, the bending results in the frac-
ture of the needles. From the micrographs it can be
seen that at the location (b) the fragmentation is not
complete, but passing through the die orifice the inter-
metallics are further broken and redistributed in the
spacing between silicon particles. The fragments of the
intermetallics (light grey coloured) cannot be very
clearly seen from the optical micrograph due to their
low contrast with the matrix (see Fig. 6a). Under the
optical microscope, most of the fractured intermetal-
lics have the size of about 1 um, but those nearby the
block-like silicon particles are apparently larger.
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These fragments can be expected to influence the
evolution of the matrix microstructure and the result-
ant mechanical properties because the intermetallics
with increased number and decreased interspacing
will interact more effectively with dislocations and
internal boundaries. At the location (d), i.e. outside the
dead metal zone, a few intermetallic needles have been
fractured, while upwards (Fig. 6¢) their shape has not
been changed at all, implying that heating to the
extrusion temperature and compression with the high
force cannot create any changes of the existing inter-
metallic morphology. Therefore, the fracture of the
intermetallics during extrusion occurs only in the
cone-shaped deformation zone where large powder
deformation and interparticle bonding also take place.

The comparison of the microstructures before and
after the extrusion (Figs 3 and 6a) indicates that some
growth of silicon particles occurred during the extru-
sion due to the combined effect of heat and deforma-
tion. The granular silicon particles in the extrudates
are about 0.5 um in size under the optical microscope.
They have been brought together by the metal flow
during extrusion, leading to some silicon depleted
area, particularly near the block-like silicon particles.
Some longitudinal arrays of the silicon particles are
observable. There is, however, no evidence of silicon
particle fracture, as reported [18]. Since the silicon
particles are very hard at the extrusion temperature,
they do not shear, so that dislocations cannot pass
through them and the deformation process of the
material becomes very complicated. The influence of
the silicon particles on the deformation mechanisms of
the matrix operating during the extrusion will be dis-
cussed later together with the microstructural obser-
vations under the TEM.

3.4. Microstructure of the extrudate

A typical TEM microstructure of the extrudate is
given in Fig, 7a, showing a mixture of the grains with
and without cellular substructure and a dispersion of
intermetallic particles. A principal microstructural
feature of the extrudate are the grains with the sub-
structure, which are shown in Fig. 7b and ¢ at high
magnifications. It can clearly be seen that the presence
of the celiular substructure is often accompanied by
the fine intermetallic particles, many of which lie at the
microcell walls (Fig. 7b). The cells with clear walls
(Fig. 7c) are neither uniform in size nor equiaxial in
shape. Electron diffraction reveals very low misorien-
tations between neighbouring cells, as indicated by
low contrast. An appropriate estimation of the mean
cell size is difficult because their size varies consider-
ably, hence preventing the correct determination of
the mean value by measuring linear intercept length.
No systematic correlation between cell size and inter-
metallic spacing has been found. However, there is no
doubt that the characteristics of the cellular substruc-
ture are associated with the distribution of the inter-
metallic particles in the a-Al matrix, which effectively
restrict the motion of dislocations and increase dislo-
cation density. They force dislocations to bypass them
by cross-slip and climb mechanisms over a limited
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distance. Under these circumstances, the dislocations
can only rearrange themselves by annihilating nearest
redundant pairs to attain a low energy configuration
and hence the cell walls are formed. After the deforma-
tion, the internal dislocations move to sinks in the cell
walls, but the migration of the cell walls is prevented
again by the intermetallic particles, particularly by
those that are heterogeneously formed during the ex-
trusion when the combination of high temperature
and large deformation is applied. Consequently, the
microcells, the direct evidence of dynamic recovery,
are retained in the as-extruded microstructure.
Clearly, the retention of this evidence is largely con-
tributed by the intermetallics which stabilize the
worked microstructure at the extrusion temperature
by inhibiting the motion of cell walls. Therefore, dy-
namic recovery through the formation of microcells
can be concluded to be the principal restoration mech-
anism of the alloy in extrusion.

The grains without the cellular substructure are
mostly equiaxial. Being free of any internal dislocation
tangles, they are most likely formed statically during
the time interval between the ceasing of extrusion and
quenching. It has been found that, for commercially
pure aluminium, the occurrence of partial static re-
crystallization is just a matter of a fraction of one
second after hot compression under certain conditions
[19]. In the extrusion of copper the nucleation of
recrystallization has been suggested to happen con-
currently with dynamic recovery [20]. Of course, the
recrystallization nucleation can be promoted or pre-
vented depending on the stacking fault energy of ma-
terial and the characteristics of second-phase particles.
For the present alloy, the latter factor should be more
pronounced, because in the extrudates of the base
Al-20Si-3Cu-1Mg alloy the recrystallized grains are
much less observed [6]. The observations on the pres-
ent alloy imply that although the stored strain energy
in the material is considerably reduced by forming
arrays of cell walls during extrusion, the residual en-
ergy is still at a high level, so that the material has
a strong tendency to static or metadynamic recrystall-
ization. Clearly, the very fine intermetallic particles in
the alloy inhibit the completion of dynamic recovery.
Their retarding effect on recrystallization can be re-
duced after the large deformation during extrusion
[21]. Hence, recrystallization may intervene at some
favourable sites, immediately after deformation, pos-
sibly even without the need of an incubation period.
At least, the present as-extruded microstructure con-
firms that under certain conditions recrystallization
nuclei can be formed concurrently with or before the
polygonization of substructure [22].

Fig. 7d shows the outcrop of a recrystallized grain
which is obstructed by the intermetallics. The obstruc-
tion to the growth of the new grain results in a com-
plex stress state in the surrounding matrix, as clearly
indicated by a high density of dislocation arrays. It
can also be noticed that the second-phase particles are
often absent from the interior of newly formed grains,
but stationed at the periphery. The preferred sites of
recrystallization nucleation are usually at the conjunc-
tions of original grain boundaries or in the vicinity of



Figure 7 As-extruded microstructure of the alloy: (a) general micro-
structure showing the mixture of recovered and recrystallized
grains, (b) grains with the microcells associated with intermetallics,
(c) cells with clear walls, (d) outcrop of a recrystallized grain sur-
rounded by intermetallics with a certain spacing, (¢) growth of
a recrystallized grain into deformed grains.

large second-phase particles [23]. The new grain in
the interior of a deformed grain, as observed in Fig. 7d,
may be originated from a favourable site below the
observation surface [24]. Fig. 7e shows the growth of
a newly formed grain into the deformed ones with
a high density of cell walls. Clearly, the growth is
difficult owing to the presence of the needle-like inter-
metallic particle. There is much evidence under the
TEM that the refined intermetallics in the alloy act as
effective obstacles to the migration of newly formed
grain boundaries and the growth is generally confined
within the spacing of the particles. It is quite possible
to establish an equilibrium quickly during the time
delay before the quenching operation, between the
driving force for complete recrystallization and the
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resistance to the growth of new grains, including the
Zener drag force caused by intermetallic particles and
the increment in grain boundary energy [25], which is
given by:

Fy = Fg + Fy (1)
or

Re = 2y/(Fx — 3f/2r) @

where Fyg is driving force for recrystallization, Fg is
grain-boundary shrinkage force, F, is Zener pinning
force, R 1s critical grain size for growth, v is grain
boundary energy, and f and r are volume fraction and
mean radius of second-phase particles, respectively.
Therefore, the kinetics of recrystallization growth is
mainly governed by the f/r value for a particular
material under a given working condition. Obviously,
the refinement of intermetallics during the extrusion
increases the critical grain size, above which new
grains can grow. It means that an increased number of
recrystallized nuclei can be prevented from growth,
and the final grain structure will be significantly
refined.

It has been known that second-phase particles lar-
ger than 1 pm basically act as recrystallization nuclei
because they bring about complex plastic deformation
zones around them, while the second-phase particles
of 0.1-0.2 pm usually exert a major inhibiting effect on
recrystallization [26]. The coexistence of the silicon
particles, intermetallic dispersoids formed before ex-
trusion and the precipitates formed during extrusion
with various sizes in the extrudates certainly makes
the kinetics of recrystallization of the alloy very com-
plicated. It is possible that the silicon particles and the
intermetallics that are not completely broken into fine
rods are active in stimulating the formation of recrys-
tallization nuclei in their vicinities. It is very clear from
the observations that the massive, very fine intermetal-
lic particles largely prevent the recrystallization by
pinning cell walls, and inhibit the growth of the stati-
cally recrystallized grains formed at the favourable
sites by Zener drag mechanism. In view of these con-
siderations, the bimodal distribution of the second-
phase particles in the present alloy is beneficial for
maintaining very fine grain size in the subsequent
forming and heat treatment, when the alloy is ex-
pected to be completely recrystallized. This is similar
to the technique known as discontinuous recrystalliz-
ation, one of the effective ways to refine microstruc-
ture in wrought aluminium alloys with bimodal distri-
bution of second-phase particles [27]. According to
the Zener drag model [28], the critical grain radius for
stability, R, is given by:

Ry = 4r/3f 3)

in which r and f have the same meaning as before. The
equation indicates that the grain size obtained after
complete recrystallization is controlled by the r/f
value. The refinement of intermetallics during extru-
sion decreases the r/f value, and thus restricts the
growth of matrix grains due to increased pinning.
Therefore, it benefits the thermal stability of the grain
structure in the final products and the combination of
strength and ductility of the alloy.
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Because of the coexistence of the deformed and
recrystallized grains in the as-extruded microstruc-
ture, there is no practical meaning to measure grain
size for the application of Hall-Petch relationship. In
this case, it is suggested to relate the microstructure
and strength by using the following correlation [29]:

oo fd™'(l - f)7 “

where d and f are the mean diameter and volume
fraction of second-phase particles, respectively. It can
be seen that at a given f-value, the strength is inversely
proportional to the particle size. Therefore, the frag-
mentation of the intermetallics achieved during
extrusion will directly contribute to the mechanical
properties of the alloy.

According to the results from the EDX analysis
attached to the TEM, only aluminium is detected in
the deformed and newly formed grains, which means
that after extrusion the precipitation has been almost
completed. TEM also shows that the intermetallics
can be classified into two groups according to their
morphology, the needle-like and globular, as shown in
Fig. 8a. The needles have lengths between 0.5-1 pm
under the TEM, randomly distributed in the matrix.
EDX analysis indicates that they are Al-, Si- and
Fe-containing compounds. X-ray diffraction suggests
that most of them can be denoted as the equilibrium
phase B(Al, Fe, Si), transformed from the metastable
phase &(Al Fe, Si) [2]. The globular particles are
mostly situated at the cell walls, grain boundaries or
Y junctions (Fig. 8b), implying they were heterogen-
eously precipitated during the extrusion processes.
They are distributed non-uniformly, and aggregation
can be observed. Because of this, electron diffraction
patterns are rather difficult to be uniquely indexed.
This group of intermetallic particles can be further
divided into two kinds which differ in their size and
chemical composition. The large ones have the size of
about 0.2 pm and contain Al-Si—Fe. The small ones
have the size of 0.1 um and contain Al-Si~Fe-Cu
elements. The latter kind of the particles, shown in
Fig. 8¢, most effectively stabilize the recovered micro-
structure. Previous work has shown that it is not an
unusual problem to identify phases in complex alumi-
nium alloys, particularly undergone rapid solidifi-
cation, by using techniques like X-ray diffraction or
electron diffraction [30-32]. Nevertheless, there is still
a need of further work on the identification of the
unknown phases present in the complicated alloy
under study.

Fig. 9 shows a granular silicon particle with the size
of about 0.5 um in the as-extruded a-Al matrix, which
was identified with selected area electron diffraction.
During extrusion, the presence of the silicon particles
undoubtedly creates extra deformation zones in their
vicinities, because of their non-deformability. For the
particles with this size, local lattice rotations should be
an important mechanism to accommodate the hetero-
geneous plastic deformation for maintaining the conti-
nuity between the particles and matrix [33]. But high
dislocation density or misorientation in the surroun-
dings of the silicon particles is not found, as indicated
by low contrast (see Fig. 9). This observation is not



Figure 9 A silicon particle in the'matrix with intermetallic particles.

Figure 8 (a) Distribution and morphologies of intermetallic par-
ticles in the extrudates, (b) particles at grain boundaries and Y junc-
tions, and (c) very fine precipitates in the deformed grains.

consistent with that in Al-Si dual-phase alloys [34].
The reason might be that the fine intermetallics with
the size of about 0.2 um in the vicinities suppressed the
occurrence of rotations and even the formation of
microcells [35]. But we think it more likely that re-
crystallization around the silicon particles occurred
during the time delay before quenching, which
reduced the misorientation and eliminated the sub-
structure.

4. Conclusions

1. The large deformation and bonding of the pow-
der particles during extrusion only happen in the
cone-shaped deformation zone; and at the same time
the needle-shaped intermetallic compounds formed
during powder production are fragmented resulting
from the plastic flow of the matrix.

2. The as-extruded microstructure of the alloy is
composed of fine grains with and without cellular
substructure. During extrusion the motion of disloca-
tions is restricted and afterwards cell walis are pinned
by the intermetallics with a high volume fraction. The
evidence of dynamic recovery is thus retained.

3. Initial recrystallization occurs quickly after de-
formation at some favourable sites, but the growth of
the newly formed grains is effectively prevented by the
fine second-phase particles by the Zener drag mechan-
ism.

4. The fragmented intermetallics, the fine precipi-
tates formed during extrusion and silicon particles
form a bimodal distribution of second-phase particles,
which substantially increases the thermal stability of
the matrix structure by inhibiting the growth of grains,
and contributes to the combination of strength and
ductility of the alloy.
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